The barrier properties of metal oxide coatings deposited on polymer substrates is of interest in packaging applications for beverages and food. The durability of the coatings is compromised mechanically due to brittleness of the coatings, leading to multiple cracking when deformed. This cracking behavior has been investigated insitu for atomic layer deposited coatings of TiO 2 (6 and 20 nm thick) and mixed oxides of TiO 2 and Al 2 O 3 (4 and 20 nm thick) on polyethylene terephthalate substrate films by observing multiple cracking under uniaxial tension. Two key models to identify cohesive and adhesive properties from the fragmentation data have been implemented, and their differences are discussed in light of the new experimental data. Such material properties include the Weibull strength distribution of the coating, the interfacial shear strength, the strength at crack saturation, and fracture toughness at crack onset and at saturation. These properties can be useful for materials selection and possibly for design simulations, when the unaccounted effects like finite deformation and substrate yielding do not take over. A significantly weaker interface and cohesive strength was observed for the thinner mixed-oxide coating, where the dimensions of the material heterogeneities were of the same order as the coating thickness. These dimensions seem to be the limiting factor of how thin coatings can be made without a major loss in structural integrity.
Introduction
Thin metal oxide coatings deposited on polymer film substrate is a material combination widely used in such diverse products as in aerospace corrosion protection [1] , solar cells [2] and food packages [3] . In the last case, the deposited coating would provide a significant enhancement of the barrier properties in a multi-layer carton package, even if the coating thickness is below 40 nm [4] . The use of very thin coatings is motivated also by reduced production and material costs, mechanical flexibility and use of less non-recyclable coating material. However, the development of thin coatings on polymer substrates for carton packages is challenging. Coatings with high barrier properties are generally brittle, with the disadvantage of being sensitive to cracking when loaded, thereby effectively losing the barrier function. Furthermore, the coating and substrate being of dissimilar materials, the adhesion between them can be compromised, leading to unwanted decohesion. Under unfavourable conditions, brittle coatings could crack already in the manufacturing process. Carton packages are generally manufactured from big rolls of flat sheets by filling machines. The sheet is subjected to tension by rollers and folded in the production process, e.g. the formation of a box to store liquids [5] . Under critical conditions, the thin coating is susceptible to crack formation when stretched [6] or bent [7] . For this reason, it is of interest to characterize the strength properties of the coating and of the interface between the coating and the polymer substrate, so that materials and production methods can be designed more efficiently to avoid undesired cracking.
The preferred way to characterize the mechanical performance is to examine multiple cracking in situ under uniaxial tensile loading, i.e. a fragmentation test [8, 9] . From these observations, the interfacial shear strength τ can be estimated. The value of τ can be considered as a measure of quality of the bond between the coating and the substrate, as exemplified by Leterrier and coworkers [10, 11] . The test also allows estimating the cohesive strength of the coating σ max and the crack onset strain (COS). By considering a crack propagation across the coating, the fracture toughness (critical energy release rate) of the coating, G c , can also be estimated [12] .
Knowing these adhesive and cohesive properties, it could be easier to select coating material and thickness, surface treatment etc. [13] . Validated models for crack onset, accumulation and saturation in brittle coatings under different types of loading can be potentially very useful, in particular for predictions in the manufacturing process of barrier packages [14] .
This work focuses on examining multiple cracking in thin brittle metal oxide coatings on polymers through fragmentation tests for different coating thicknesses. The identification of the cohesive and adhesive properties should preferable be easy to use. Furthermore, the models used should have a balanced level of detail to capture the main mechanisms, and describe the main characteristics of the typically scattered experimental data with a reasonable accuracy. After a literature study with this aim, two models stand out in the opinion of the authors. These models seem to have been developed independently for different purposes; fragmentation of coatings and fragmentation of embedded fiber. In the present work, the interfacial shear and cohesive strength will be determined by use of two models, which for convenience are termed by one author name for each, (i) the Andersons model [15, 16] and (ii) the Hui model [17] , although we realize that the models have been developed and put to use in collaboration with other researchers. The Andersons model focuses specifically on coating fragmentation [10] , and has been extensively used in analyzing experimentally data of coating fragmentation by Leterrier and co-workers [10, [18] [19] [20] [21] [22] [23] . It should be noted that Leterrier et al. [19] were, to our knowledge, the first to apply a version of this model for coating fragmentation, followed by numerous coating studies jointly by Leterrier and Andersons. e.g. [10, 18, 20] , which also build on earlier modeling work by Andersons et al. [15, 16] on fiber fragmentation. The Hui model was developed to describe the fragmentation of a single fiber embedded in a matrix under tensile load. In addition to single fiber fragmentation [24] , the model has also been used to asses experimental data from fragmentation of transverse layers in cross-ply composite laminates [25] . Models describing fragmentation in uniaxial tensile loading are essentially transferable between the axisymmetric situation (single fiber fragmentation test) and the planar situation (transverse cracking in composite laminates or cracking in brittle coatings) if the differences in geometry and elastic orthotropy are adequately considered. In the present work, the differences between the Andersons and Hui models are discussed in context of experimental evaluation. Finally, the energy release rate of the coating is quantified at onset cracking and the last stage of multiple fragmentation practically using developed models described in the literature [26, 27] and experimental observation from fragmentation test.
Materials and methods

Materials
The coatings in this study were prepared by using a roll-to-roll atomic layer deposition (ALD) on a biaxially-oriented polyethylene terephthalate (BoPET) film approximately 125 μm thick from Dupont Teijin Melinex ST504. During the coating process, the temperature of the substrate was held at 75°C and the polymer film speed was kept at 15 m/min. In this process, two coating materials were produced: titanium oxide (TiO 2 ) and a mixed oxide (MOX, composed of TiO 2 and Al 2 O 3 of approximately equal amounts) coatings. The coating thickness was controlled by the number of ALD cycles to obtain four different materials: 6 nm and 20 nm for TiO 2 coating, and 4 nm and 20 nm for the MOX coating. The methodology and thickness estimation are described in detail by Dickey and Barrow [28] .
Fragmentation testing
Fragmentation tests were performed using a tabletop scanning electron microscope (SEM) Hitachi TM-1000 equipped with an in situ Deben micro tensile stage to monitor multiple cracking throughout the test as the tension was continuously increased. Quantitatively, the crack density, CD, is logged as a function of applied strain, ε. The main parameters in the CD-ε relation are the nominal strain when the first flaw appears (crack onset strain, abbreviated COS), the strain at which no more cracks appear (crack saturation strain), and the crack density at saturation (CD ∞ ). A priori, the tests manifests two types of scatter. One due to experimental measurements, e.g. imprecision in quantitative measurements and the data reduction models. The other type of scatter is inherently related to the material, and is represented by the parameters in the statistical distribution of the coating strength. The experimental scatter will inevitably affect the accuracy of the estimated parameters describing the material scatter.
Three tests were carried out for each specimen type, where several hundreds of cracks were detected in each specimen. The sample sheets were cut into rectangular pieces of size 4 × 20 mm by using a scalpel and a ruler to comply with the geometrical constraints of the miniature tensile stage fitted into the SEM. These samples were gripped at each end about 5 mm from the ends to avoid slippage. The samples were stretched up to 40% tensile strain using a displacement rate of 0.1 mm/ min. Micrographs were acquired in the SEM operating at an acceleration voltage of 15 kV for small steps in strain increase. For improved imaging, the samples were coated with a very thin Au-Pd conductive layer to minimize charging effects. The conductive layer was found not to influence the cracking of the metal oxide coatings as reported in the appendix of Ref. [29] . The micrographs were taken at three different locations in the center of the gage area for each elongation.
After testing, the measurements were presented in fragmentation diagrams showing crack density, CD, versus tensile strain, ε, for further use in the micromechanical model. The crack density
was calculated from the average of number of cracks N i in micrograph number i in totally k micrographs of width w. The term 1 + ε accounts for the elongation of the sample to compensate the crack opening.
Estimation of the coating strength distribution and interfacial shear strength
As outlined in the introduction, we characterize the coating and interface strength properties by implementation of the Andersons [15, 16] and the Hui [17] models. The two models are based on the same statistical assumptions and stress analysis, but differ to a certain degree in how the distribution parameters and interfacial strength are estimated. For clarity, the relevant key features and the differences of the two models are recapitulated in this section, and details can be found in the original references [17, 19] . Later, these differences in assumptions are discussed in light of differences in coating properties determined from experimental data.
The multiple cracking that occurs in brittle coating can be interpreted by use of the weakest link model [30] , according to which the strength exhibits a Weibull distribution
where l is the fragment length, σ is the normal stress in the coating, and the ρ and σ 0 are the Weibull shape and scale parameters, respectively. The normalization length l 0 is set to 1 μm in our case, to reflect a suitable order of magnitude of the coating thickness and crack dimensions. This distribution function has been used in different studies of composite materials, e.g., brittle fibers embedded in a polymer matrix [31] . Later, the distribution function was also used to describe strength of brittle coatings [10, 32] due to the similarity of the multiple cracking behaviors with that observed in tensile testing of single fiber composites [33] .
Andersons model
The Weibull parameters can be estimated from fitting to the experimental fragmentation data. In this paper, we obtain these parameters in two different ways, both of which are commonly used in the literature. The first method is based on fitting to the stress-fragmentation density data, which has been used by Andersons et al. [15, 20] . The second method relies on linear regression in the lower tail part of a Weibull plot, given by the empirical cumulative distribution function with respect to strength [34] . In the approach of Andersons, the linear regime in the initial portion of the fragmentation data is used, where the stress is predominantly uniform in the fragments, since the ineffective lengths close to the cracks are relatively small compared with the fragment length. For this case with small deformations, Hooke's law is applicable, i.e. σ = E ε with E as the Young's modulus of the coating. Then, Weibull parameters can be determined by fitting 〈l〉/l 0 = (σ/σ 0 ) −ρ to the linear part in a diagram of log(l/l 0 ) with respect to log σ [15] . The average fragment length is denoted 〈l〉. The Young's modulus of each coating, E, was measured by use of atomic force microscopy in a previous investigation [29] . Once the Weibull parameters are determined, the coating strength at saturation
can be calculated [20] , where l c is the idealized ineffective length of a fragment at saturation, with l c /2 at each side of the coating crack. Fig. 1 schematically shows the stress profile at the interface between the cracked coating and substrate. The normal stress σ in the coating is assumed to be constant along the fragment, except near the crack where σ decays gradually to zero. This shear-lag model also assumes a constant shear stress along the interface in the so-called ineffective length from the crack to the point where the maximum normal stress is attained. From simple force equilibrium, the interfacial shear strength (i.e. maximum interfacial shear stress) and the tensile stress σ can be related to each other as
where h is the coating thickness and x is the coordinate in the load direction.
In the idealized elastic-perfectly plastic situation (cf. Fig. 1 ), the maximum normal stress σ max is reached at a distance of l c /2 from each side of the cracks. During the course of the fragmentation process, stress is transferred from the substrate to the coating over the interface up until saturation, which is manifested by a plateau region of the fragmentation diagram where no new cracks form even though the applied stress is increased. At this saturation stage, yielding takes place along the entire interface due to the dense multiple cracking. To reach the saturation level, the Andersons model uses a perfectly plastic behavior assumption originally proposed by Kelly and Tyson [9] . Assuming that the critical stress transfer length l c has a linear relation to the fragmentation length at saturation l ∞ , Eq. (4) becomes
Andersons max (5) where l ∞ = 1.337 l c /2 [19, 37] . The factor 1.337 has been numerically determined, based on the assumption of sequential cracking excluding ineffective lengths [37] , which is an improvement from the original factor 3/4 of the ACK model (named from the authors Aveston, Cooper, and Kelly [36] ) based on solely on the assumption of an even distribution of fragment lengths.
Hui model
Now returning to the second model proposed by Hui et al. [17] , the shape and scale parameters can be obtained by fitting the linear lower tail of the Weibull plot [34] , i.e. log[− log (1 − F ∞ )] vs. log σ where the empirical cumulative distribution function (or probability of failure)
where,
Note that the Weibull scale parameter to a reference length at saturation σ ∞ is estimated directly from experimental fragmentation diagram. To scale the problem, the fragment length at saturation can be expressed as
where l c is the critical stress transfer length below which no further fracture can occur and χ ∞ is a dimensionless scaling parameter, tabulated as a function of a discrete number of values of the Weibull shape parameter ρ [17] . Although analytical expressions are given in the Appendix of Ref. [17] , it may be more convenient to use a simpler but sufficiently accurate formula to determine values of χ ∞ . These data pairs in the mentioned table have here been fitted a Prony series of Fig. 1 . Assumed stress profile along the cracked brittle coating on a polymer substrate.
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exponential functions
as shown in polates towards the deterministic asymptote, ρ → ∞, represented by a 0 given by Hui et al. [38] . The remaining coefficients were determined by the least-square fitting of the data pairs from Monte Carlo simulations [17] . In the deterministic limit, the Hui model approaches the Andersons model, since 1 approaches a value of 0.668, which is half of the numerical factor 1.337 used by Andersons, based on the limit fragmentation length determined by Kimber and Keer [37] . From the scaling in Eq. (8) and the force equilibrium in Eq. (4), the interfacial shear strength becomes
where
K HP is a correction factor derived by Henstenburg and Phoenix [39] , an numerically estimated by Monte Carlo simulations. This correction factor was later refined by Hui et al. [17] with an exact model. The original correction factor was 3/2 [36] under the assumption of constant shear stress at the interface [9] and uniform segment length distribution at saturation. Zhandarov et al. [40] later proposed a correction factor of 1.337 for fiber fragmentation based on calculations with a more physical non-uniform segment length distribution [37] . This value was also adopted by Leterrier, Andersons and co-workers [10, 19, 21] for the case of coating fragmentation, presented in Section 2.3.1 above. The next step was the inclusion of the effect of the strength variability [38, 39, 41] , which resulted in the present correction factor K HP which depends on the Weibull shape parameter ρ.
The residual stresses are ignored for the following reasons: (1) The fragmentation diagrams do not differ substantially from the ambient temperature up 75°C for similar material systems as studied experimentally in Ref. [20] . (2) The ALD deposition process [42] is a relatively slow and low temperature deposition process among other processes used in thin film technology, such as the regular chemical vapor deposition. (3) The fragmentation tests were performed several months after the coating deposition, allowing time for relaxation of the polymer. However, if residual stresses cannot be neglected, their contribution could be estimated experimentally from curvature of strips, e.g. [10, 43] , or numerically from thermal expansion mismatch of the coating and substrate, e.g. [21] . The actual stress is then simply estimated by linear superposition of the applied mechanical stress and the residual thermal stress.
Critical energy release rate of the coating material
The cohesive strength of the coating σ max reflects the strength of a segment at saturation. In general terms, strength is a suitable material property for ductile failure with limited scatter and volume effects. For materials showing brittle failure with cracks growing from defects and resulting volume effect, fracture mechanics provides a more suitable parameter with the critical energy release rate (or fracture toughness) to describe the load carrying limit. The fracture toughness can be regarded as a material property, although for small specimen and crack dimensions, there is a scaling effect due to a relatively large process zone [44] and grain size effects [45] . As for strength of brittle coatings, it is undeniably dependent on the test volume or segment length, since the probability of a sufficiently large defect is higher for a larger test volume, as reflected by Eq. (3). To account for difference in fracture toughness during the course a fragmentation test, two situations present themselves, namely onset (first crack) and saturation (no more cracking). Some useful models proposed in the literature [26, 27, 46] to estimate the fracture toughness at these stages will be presented in the following. For fragmentation tests, the critical energy release rate of the coating is normally first obtained at coating crack onset through [27, 47] .
where = E E/(1 ) 2 is the plane strain tensile modulus of the coating, ε onset is the strain when first cracks appear, and g(α D , β D ) is a dimensionless function of the Dundurs parameters α D and β D , which can be calculated directly from the elastic parameters of the effectively isotropic substrate and coating [48] . Since the ε onset is expected to show considerable scatter, depending on the variability of the largest and most severe defect in any test sample, the fracture toughness at saturation could be a more stable parameter. As mentioned above, new cracks are appearing progressively up to the saturation level. The process of sequential cracking on coatings has been analyzed before [26, 49] , expressions for the critical energy release rate at saturation can be formulated as
at the tensile strain at saturation ε ∞ (no more cracks forming with increasing strain). The crack spacing L, is different from the fragment length l since it also includes the crack opening displacement. Fig. 3 shows the formation of sequential cracks between existing cracks. Since saturation is approached progressively during fragmentation, the estimation of saturation values L and ε ∞ from experimental fragmentation data is not precisely defined. However, even for crude estimations from examination of the fragmentation data, G c,∞ provides a measure of the resistance to crack propagation at saturation, which can be used to compare the cohesive performance of different coatings at their limit states. Although requirements for linear-elastic fracture mechanics are certainly not met on the small scales considered the experiments in this study [50] , the fracture toughness value can still be regarded as a parameter describing the resistance to cracking, which is physically more adequate than a set strength value, given the observed multiple cracking mechanism in the brittle coating.
Results and discussion
The coating cracks, represented by horizontal black stripes in the SEM images, have been examined as shown in Fig. 4 . These examples show the accumulation of cracks with increasing strain for the TiO 2 and MOX coatings. The cracks propagated perpendicularly to the stretching direction for all samples. Both TiO 2 coatings turned out to have straight cracks during the tests but with different crack densities, which is most notable at saturation (ε = 0.30). In the MOX coatings, the cracks were less straight for the 4 nm thick coating than for the 20 nm coating. The wavy cracks for the thin MOX coating can be attributed to the nanodefects, which make the crack deviate to take a tortuous path [51] . In general, the average distance between cracks increased as expected with increasing coating thickness. The strain was increased in very small increments in the beginning, to detect the crack onset strain (COS). For the TiO 2 coatings, COS was lower for the thicker coating. Yanaka et al. [52] also observed lower COS for thicker coatings, which can be explained by the higher likelihood of sufficiently large defect to cause crack onset in a coating with a larger volume. Unexpectedly though, it was found that the COS was lower for thinner MOX coatings. The wavy crack pattern for the thin MOX coating in Fig. 4 indicates that the coating cannot be regarded as a homogenous continuum, but zigzagging as if going around grains. Fig. 5 shows the fragmentation diagrams with crack density CD versus tensile strain ε. The dotted trend lines were fitted to the experimental data, using a function with the same shape as the Weibull distribution in Eq. (6). The crack density at saturation of the thinner coatings was higher than the thicker 20 nm coatings for each material, with a slightly higher density of cracks for MOX coatings compared with pure TiO 2 coatings. The Weibull parameters were estimated up to 6-8% of nominal strain for both models, where linearity between CD and strain were observed for all samples. For the TiO 2 coatings, which showed well-defined and straight cracks also for the ultrathin 6 nm coating, the empirical distribution functions are presented in Fig. 6 . These plots include an envelope showing the range of the experimental data for all tested samples. A comparison between the fitted models is found in the figure. The coefficients of determination r 2 are presented for the two coating thicknesses. Both models performed equally well with r 2 representing a goodness of fit with a marginally better match for
Andersons model for this set of data. The cohesive and adhesive properties calculated from the fragmentation data are summarized in Table 1 , together with the crack onset strain and crack density at saturation observed experimentally. The latter two can be regarded as raw data from the in-situ tensile test in the SEM, and are used as input in determining the properties listed in the same table. The values in the table are determined from the all fragmentation measurements pooled together for the different material systems. The scatter from sample to sample was moderate, and is reflected in the error bars (standard deviations) of fragmentation curves in Fig. 5 . For the Andersons model, Eqs. (3) and (5) were used to calculate the coating strength σ max and interfacial shear strength τ, respectively. Likewise, Eqs. (7) and (10) were used to calculate the same properties based on the Hui model. The values of τ from the Andersons model were consistently lower than those from the Hui model. The difference between the models was particularly large for the coatings with a wide scatter in strength, i.e. a low value of shape parameter ρ. Both models showed higher τ for higher thickness values, and for TiO 2 coatings compared with MOX coatings. This tendency has also been observed for sub-micron thickness silica based coatings [10] . The adhesive shear strength of these coatings were found to be of the same order as ours, except for the thin MOX coating which showed a considerably lower value. For ultrathin silica coatings down to a 7 nm thickness on a polyethylene terephthalate (PET) substrate, an interfacial shear strength of τ = 100 MPa was found [22] and τ = 84 MPa for 10 nm thick coatings [23] , both calculated with the Andersons model. These adhesive strength values are considerably higher than those our values for thin TiO 2 and MOX coatings calculated with the same model. Other reported values include a higher interfacial shear strength of τ = 100 MPa for 50 nm thick chromium coatings on polyimide films [53] . For 100 nm thick alumina coatings on polyether sulfone films, the adhesive strength has been found to be τ = 45 MPa [54] , which is weaker than the interface of our metal oxide coatings, except for thinner MOX again. However, they used a sputter technique (physical vapor deposition), which generally does not bond as well as the present ALD technique [42] .
The cohesive tensile strengths of the coatings were in the same range for the two models, although the value form the Hui model (σ ∞ ) was consistently higher. It should however be borne in mind that the two models have slightly different definitions of the cohesive strength, i.e. the strength when the fragment length has reached saturation, namely σ max and σ ∞ .in Eqs. (3) and (7), respectively. The strengths for the TiO 2 coatings were the same for the two thicknesses, whereas the thicker MOX coating showed twice the strength of that of the thinner coating. This is believed to be an effect of the nano-defects and the relative high surface roughness, which also manifested itself in erratic crack patterns in the thinner coating in Fig. 4 . The Weibull parameters are comparable for the two models, especially the shape parameter ρ. When rescaled for the same length, Eq. (7), the scale parameter σ 0 are comparable for the two models, except for the TiO 2 coatings. The coating strengths reported from Anderson model in Table 1 , can also be compared to silica coatings. As a comparison [10] , the thin silica coatings (7 and 10 nm) on PET showed a cohesive strength σ max of 6.6 and 5.1 GPa, and a Weibull scale parameter σ 0 . 6.9 and 5.7 GPa, respectively. These values are a higher than ours for TiO 2 and MOX coatings presented in Table 1 . Literature values of the Weibull shape parameter ρ for thin coatings span over a wide range (cf. Fig. 8 ), including also the low values of ρ presented here.
The fracture toughness values in Table 1 were determined from the diagram of crack spacing L vs tensile strain ε in Fig. 7 . The onset fracture toughness G c, onset was calculated using Eq. (12), which depends on the COS, i.e. the strain where the first crack appeared, ε onset . The fracture toughness at saturation G c, ∞ was evaluated by Eq. (13), using the crack spacing L when saturation is reached at the strain ε ∞ . Since saturation in approached progressively with increasing strain, we chose ε ∞ as the applied strain when the final typical crack was observed Fig. 3 . Growth of sequential channeling cracks due to an increasing strain ε, controlled by the fracture toughness G c , at a distance of L in the middle between existing cracks in the coating spaced 2L apart.
in the observed region ending the crack accumulation phase, excluding a few odd cracks formed at very high strains. From the data presented in Fig. 7 , an estimated ε ∞ of 0.16 was observed for MOX and thinner TiO 2 coatings and 0.12 for thicker TiO 2 . The fracture toughness of the more homogenous TiO 2 coating is higher than that of the more heterogeneous MOX coating. The thinner coatings have lower fracture toughness than the thicker ones. For the thinner coatings, it is possible that the dimensions of the heterogeneities are in the same scale as the thickness. The lower onset values are in the same order as those for submicron thickness films of Cu determined from nanoindentation [55] , and of Au and Al determined by tensile testing of a notched freestanding films [56] . Venkataraman and Krishnamurthy [57] reported fracture toughness within the range as ours for a similar composition to our MOX material tested by nanoindentation. The fracture toughness at saturation G c,∞ is one or several orders of magnitude larger than that at onset, G c, onset . The significantly higher values at saturation can be explained by reduced occurrence of defects not yet leading to any cracking, i.e. essentially 'survival of the fittest' behavior. The higher fracture toughness on nanoscale can stem from shielding mechanisms, where the heterogeneous nanostructure can lead to significant toughening [58] . Gerberich et al. [59] show that decreasing the length scales effectively increases the fracture toughness of several brittle materials below the scale of 100 nm.
Among the presented results, it is often the cohesive strength, or interfacial shear strength, that is of primary interests, since it describes how well the coating is bonded to the substrate. As noted previously [17, 40] , not only the crack density at saturation, but also the scatter in strength, influences the estimation of the interfacial shear strength τ. The scatter in strength can be described by the Weibull shape parameter ρ. The ratio of the expressions for τ from the two separate procedures, given in Eqs. (5) and (10) 
where 0.668 is the correction factor from Kimber and Keer [37] , and correction factor K HP (ρ) is determined from Eqs. (9) and (11). Fig. 8 shows how the interfacial shear strength ratio τ Andersons /τ Hui varies with respect to the Weibull shape parameter ρ. The Hui model converges to Andersons for much high values of ρ, although it would require unrealistically high values, essentially corresponding to a deterministic strength, for the two models to give the same τ. In practice, ρ has been found to vary from about 1.5 to 14 for the Weibull strength of various brittle coatings (present study and e.g. Refs. [10, 23, 54] ). In this range, the difference in τ is at least 20%. The difference here was about 80% for the TiO 2 coatings and 40% for MOX coatings. The chosen methods of how to identify the Weibull distribution parameters, i.e. by leastsquare fitting to 〈l〉/l 0 = (σ/σ 0 ) −ρ or fitting to log[− log (1 − F ∞ )] vs.
log σ for low strain cracking data (limited crack interaction), have an influence on the ratio, as can be observed for the experimental data plotted in Fig. 8 , which are not on the predicted line according to Eq. (15) . This difference from the choice of estimation procedure is however small compared with the difference from the choice of method (up to 80%). The difference in τ between the two methods is particularly notable for low values of ρ, as is the case for many thin coatings, e.g. [10, 23, 54] , and especially for sub-micron coatings such as in the present study. From a theoretical point of the view, the Hui model has the advantage of including the effect of strength variability in the estimation of τ, which is not the case for the Andersons model. Benchmarking the two models with an even more accurate numerical model would be desirable. After determining the interfacial shear strength τ, it is useful to compare it with the shear yield stress of the substrate. This has been done by Leterrier et al. [20] , who compared the interfacial shear strength determined from fragmentation of a SiO x /PET material to the maximum shear stress at the onset of crack saturation using the von Mises stress relationship τ = σ/√3. Ideally, failure would occur in the weaker of the two cases, i.e. by shear failure of the interface or shear yielding of the matrix. Since our polymer substrate shows a highly nonlinear behavior and is anisotropic, the von Mises criterion is not adequate. However, one can still make a qualitative comparison in orders of magnitude. From applied stress at saturation onset, the effective maximum shear stress can be estimated to about 80 MPa, which turns out to be in the same range as the interfacial shear strength values from the fragmentation tests presented in Table 1 .
Another alternative is to compare the two estimates with experimental data using a more direct and accurate measurement of the maximum interfacial shear stress. Jin et al. [60] used Raman spectroscopy the measure the interfacial shear stress along single carbon fibers embedded in an epoxy matrix while performing tensile fragmentation tests up to the point of crack saturation. From the stress profile along the broken carbon fibers, a direct measure of τ = 52.8 MPa was obtained for their unmodified high modulus fibers. From the crack density at saturation, they used the original ACK correction factor 3/4 [36] , which gave τ = 36.8 MPa. Rescaling this value with the correction factor 0.668 [19, 37] used by Andersons et al. [15, 20] , one obtains τ = 32.8 MPa, which is lower than the ACK estimate and further apart from the direct shear strength measure of 52.8 MPa (38% lower). This is unexpected, since the Andersons approach is based on sounder assumptions [37] , not imposing a uniform fragment length distribution. In their study, Jin et al. [60] did not quantify the strength distribution parameters, but by assuming a shape parameter of ρ = 4.0 based on experimental results of other high-modulus carbon fibers [61] , the interfacial shear strength using the Hui approach with the correction factor K HP (ρ) can determined to be τ = 43.8 MPa, which is significantly closer to the directly measured shear strength (17% off) than the shear strength using the Andersons approach (38% off).
Concluding remarks
The use of a tabletop SEM together with tensile tester has shown to be an effective and relatively inexpensive way to observe multiple cracking of very thin coatings, which can provide important material properties of the coating and its interface to a substrate, potentially useful in materials selection and microstructural design. Such material properties include the strength distribution of the coating, the crack onset strain, the interfacial shear strength and the coating fracture toughness.
In light of experimental cracking data for ultrathin metal oxide coatings, two models were used and compared. The model developed by Andersons et al. [15, 16] has been used extensively specifically for analysis of cracking in coatings, e.g. [10, [18] [19] [20] [21] [22] [23] , whereas the model developed by Hui et al. [17, 38] , was intended to analyze multiple cracking of embedded fibers. Using these models, the fragmentation data were reduced to the mentioned material properties. The calculation procedures given in the proposed models have been followed, and the resulting differences are interpreted in terms of the different assumptions. The identification of the Weibull strength parameters (σ 0 and ρ) are in principle equal, based on fitting in a Weibull diagram of the empirical distribution function or directly in the fragment lengthstress plot, respectively. The difference in bias-variability tradeoff of the two estimation approaches is not considered to be of any particular significance given the scatter in experimental data for typical coating fragmentation tests. The estimation of the interfacial shear strength τ, however, showed different results. The Hui approach accounts for effect of the variability in strength, which is used to determine the interfacial shear strength. Also, a normalizing segment length l 0 does not have to be chosen, but incorporated in the expression of the scale parameter, σ ∞ . On the other hand, the Andersons model is more direct and involves fewer calculation steps. For a material system showing limited scatter in strength and focusing on ranking of coatings performance, the Andersons approach has its advantages. To determine coating parameters to be used in simulations and design, especially for coatings with a relatively large scatter in strength, the Hui approach is preferred.
In addition to coating strength for fragment lengths at saturation, σ max , the fracture toughness at saturation G c, ∞ was estimated as an alternative failure parameter. Since the channel cracks propagate through the coating, a fracture mechanics parameter like the critical energy release rate is appealing.
The analytical approaches have the advantage that material properties can be determined in a relatively straightforward manner, but are limited by the simplifying assumptions necessary to arrive at a direct method not involving any numerical solutions. However, in the case of thin brittle coatings on polymer or other ductile substrates, the strains are frequently in the excess of 20% for fragment saturation, which is well beyond the area of applicability of finite deformation analysis. Furthermore, the substrate material frequently deforms inelastically (yielding, viscoelastic deformation etc.), which is not accounted for in the elastic finite-deformation models. These phenomena usually imply that a numerical approach is necessary to model the fragmentation process in the coating-substrate system. The trade-off between accuracy and usability of the model should be based on the purpose of the experimental work, i.e. ranking of the resistance to cracking and adhesive strength, or for design purposes. Since the fracture processes of thin coatings show considerable variability due many interacting and complex mechanisms, the simplified analytical approaches are considered to be an acceptable option since a more complex model would be likely to be inconvenient for industrial applications.
From a materials point of view, the pure TiO 2 coating showed higher fracture toughness values than those of the MOX coating, which showed erratic crack patterns for the thinner coating (4 nm). The latter indicates that the constituent metal oxides, TiO 2 and Al 2 O 3 , for separate aggregates on this scale. The thicker MOX coating (20 nm), however, showed straight planar cracks and significantly higher strength values, indicating that the inherent non-straight cracks had less impact as defects. For the pure TiO 2 coatings, the cohesive and adhesive properties were not drastically affected by the coating thickness. We do not exclude, however, that strain rate could have an effect on the cracking phenomena, since the stress redistribution from the viscoelastic polymer substrate depends is rate dependent. All present tests were carried out a constant rate, though.
In barrier applications, it is desirable to have as thin coatings as possible while retaining high strains for crack initiation and accumulation. Although the present study was limited to two coating materials with two different thicknesses, the results show that a too thin coating thickness, close to the dimensions of the material defects, can result in significantly reduced strength performance. The thickness should then be chosen to be sufficiently large to make the material relatively homogeneous on that scale. The dimensions of the heterogeneities in the material structure can be observed in SEM, and are observable after fracture along the crack planes. In particular for the 4 nm thin MOX coating, these structural features had an adverse effect on mechanical properties of the coating and its interface to the substrate.
